
Introduction
     Throughout their careers, welding
engineers and welding metallurgists
are often confronted with welding
process and properties questions that
on the surface and to those not famil-
iar with welding appear to be simple,
clear, and direct. Typical examples of
these kinds of questions might be: 
     “We need to make a laser spot weld
next to an extremely heat-sensitive

component — will welding damage it?”
     “We are going to make this assem-
bly out of an alloy we’ve never welded
before — will the welds crack?”
     “We’d like to use this new alloy to
make a welded structural part for a
one-off test — will it be strong
enough?”
     Of course, these questions are any-
thing but simple and the complexity
associated with the scientific princi-
ples underlying each of them can be

quite daunting, especially to the new
welding or materials engineer. Scien-
tific research and applied development
studies have been conducted since be-
fore the American Welding Society was
founded to develop the basic under-
standing, experimental data, and ana-
lytical and computational tools needed
to provide complete and quantitative
solutions to welding problems. Syn-
thesizing that information into day-
to-day problem-solving tools can be
challenging since it often requires an
in-depth familiarity with subjects as
diverse as laser and arc physics, heat
and fluid flow, solidification dynamics,
phase transformations, strengthening
mechanisms, simulation methods, and
many others. Moreover, the highly dy-
namic and nonlinear nature of welding
makes observation and intuitive as-
sessment of these processes difficult,
so that guesswork and overly simpli-
fied rules of thumb can be misleading
or worse.
     In addition to their complexity, many
questions of this type are accompanied
with short timelines and limited re-
sources, so that the opportunity to con-
duct in-depth studies is often not avail-
able, and the specific nature of the prob-
lem often means that it has not been
directly addressed or studied in the lit-
erature. Under these constraints, most
welding and materials engineers rely
on their experience base or that of col-
leagues to address the issue. For those
cases where at least some resources
and time are available, or where the
questions are recurring and general in
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nature, most welding and materials
engineers have developed engineering
tools that provide workable approach-
es and solutions. In this article, several
examples of the latter from the au-
thor’s experience and applied research
are presented. The examples were se-
lected in an attempt to span a range of
problems from process physics, to ma-
terials/process interactions, and final-
ly to weld properties development. It
is hoped that within these examples a
general audience can find specific topi-
cal areas of interest. The examples in-
clude time-resolved measurement of
laser energy absorption and applica-
tion to laser spot welding, assessment
of the dynamics of weld hot cracking
in nickel-based alloys, and estimation
of the heat-affected zone softening in
a modern ultrahigh-strength steel 
alloy.

Energy Absorption in
Pulsed Laser Welds
     Considering the first question
posed above, power and energy trans-
fer are fundamental aspects of any
welding process and are needed for
meaningful estimation of welding
temperatures. As a result, power and
energy transfer are key elements of
process selection, process modeling,
and process optimization. With re-
spect to pulsed laser welding, because

of the highly dynamic
and short duration of
the process, characteri-
zation of these efficien-
cies is challenging
(Refs. 1–5). Fuer-
schbach and Eisler
(Ref. 2) characterized
pulsed laser weld ener-
gy absorption through
calorimetry by using
hundreds of bead-on-
plate spot welds made in rapid succes-
sion. As the welds cooled to room tem-
perature, the energy released was
measured by calorimetry. The total en-
ergy was then divided by the number
of welds to yield the average energy
absorbed per weld and was found to
range from 40 to 65% of the delivered
pulse energy. Temporal resolution is
not obtained by this method and for
low-pulse-energy welds, measurement
uncertainty increases. The authors
also considered the complicating fac-
tor of weld spatter and the uncertainty
it causes. Differential microcalorime-
try was used by Perret et al. (Refs. 3, 4)
and indicated energy transfer efficien-
cies in the range 32–80% depending
on process parameters. Notably, Perret
et al. (Refs. 3, 4) also used high-speed
flash x-ray radiography to study the
time-resolved keyhole formation in a
titanium alloy, and observed that the
keyhole forms very early in the pulse
(on the order of 1 ms) and, for pulse

times up to 5 ms, continues to grow
throughout the duration of the pulse.
     In lieu of calorimetry, Cremers et
al. (Ref. 5), determined energy absorp-
tion by measuring the thermal expan-
sion of welded metal samples. The
transient displacement of the welded
sample was evaluated through inter-
ferometry complemented by a second
method that monitored coaxial dis-
placements using a linear variable dif-
ferential transformer (LVDT). 
     In the approach discussed here,
Norris et al. (Refs. 1, 6) developed a
new method for determination of
transfer efficiencies in pulsed laser
welding. This approach is described
and results are presented for a range
of welding parameters in order to gain
an understanding of the dynamics and
phenomenology of energy transfer in
laser spot welding. In turn, these ob-
servations provide a basis for engi-
neering assessments of welding tem-
peratures as well as an engineering ba-
sis for welding parameter selection.
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Fig. 1 — Schematic drawing of energy absorption apparatus including
energy balance. Energy absorbed by the weld and beam splitter are de
noted with subscripts W and BS, respectively. Subscripts P and T indicate
that passed through and turned, respectively, by the beam splitter. 

Fig. 2 — Typical delivered pulse profiles for A — power and
B — energy for 3 kW (set power), 6 ms, 9.5 J pulse using a
Lasag SLS C16 fiber delivered 40W average power pulsed
Nd:YAG laser.
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Experimental Procedures
     The basic concept behind the ab-
sorption measurement method is rela-
tively simple — capture and measure,
in a time-resolved manner, the energy
reflected from a single laser spot weld
and subtract that from the energy de-
livered to the part. In practice, howev-
er, the method is somewhat complex
and requires rigorous characterization
and calibrations. The characterization
and calibrations are described in detail
in Ref. 1, and only the salient points
are summarized here. The welds exam-
ined in this work represented typical
engineering practice and weld proce-
dures for sub-millimeter spot welds in
an austenitic stainless steel, and
ranged in penetration from approxi-
mately 0.15 to 1 mm (0.006 to 0.039
in.).
     The measurement technique is
based on creating a laser weld within
the interior of an integrating sphere,
and is shown schematically in Fig. 1.
An integrating sphere is an optical de-

vice that is hollow and spherical in
shape and the interior is coated to pro-
mote high reflectance for a given light
source wavelength. The result, ideally,
is scattering of the incoming light and
isotropic illumination of the sphere’s
interior walls (Refs. 7, 8). An aperture
on the side of the sphere allows the
light flux to be measured with a pho-
todiode. In practice for welding experi-
ments, it was found that two gold-
plated integrating spheres are required
as shown in Fig. 1.
     In this approach, the total scattered
energy collected by the two spheres is
subtracted from the known delivered
laser pulse energy to determine the
absorbed energy. The two gold-plated
integrating spheres each contain a nar-
row band pass photodiode filtered to
include only the laser wavelength and
thus measure the light flux as a func-
tion of time. A beam splitter is used to
redirect possible exiting reflections
from the primary weld sphere into the
secondary sphere. The primary sphere
is positioned directly beneath the laser

head assembly (light source). The weld
sample (typically a 12.5-mm-diameter,
3-mm-thick 304L stainless steel disk
with a surface finish of 0.8 mm RMS) is
contained within the sphere and is po-
sitioned at sharp focus by an ad-
justable gold-plated post. Welding is
conducted in an argon atmosphere.
Depending upon the state of the weld
pool, light is reflected from the weld’s
surface and is either captured by the
primary weld sphere or exits through
the sphere’s entrance opening, is
turned by a partially reflective mirror,
and is captured by the secondary
sphere. Preliminary experiments indi-
cated that due to the entrance angle of
the primary sphere and the beam fo-
cus angle, welding had to be conducted
above the centerline of the primary
sphere rather than at the more opti-
mal base of the sphere. Thus, a signifi-
cant amount of the reflected light was
found to escape from the entrance
hole of the primary sphere, and in or-
der to account for this loss, the sec-
ondary sphere was added to collect
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Fig. 3 — Results of absorption measurements for a 6ms, 1585W (actual) peak power pulse (~9.5 J/pulse) spot weld. A — Individual
sphere and total reflected power; B — total reflected power compared with delivered power; C — absorbed power compared with deliv
ered power; D — time resolved delivered and absorbed energy. 
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this light. Figure 1 shows the basic en-
ergy balance and losses for the meas-
urement system. 
     Characterization and calibration of
the energy balance and measurement
losses, such as those through the turn-
ing mirror and the quartz tube (in-
cluded to protect the primary sphere
from spatter and metal deposition) are
described in detail in Ref. 1. Calibra-
tions for both spheres were found to
be linear and repeatable. The result for
both spheres, in essence, is a tempo-
rally resolved photodiode voltage that
varies in amplitude directly with re-
flected light intensity. Through cali-
brations using power meters and fully
reflecting parts, these voltage signals
can be converted into a delivered pow-
er waveform as shown in Fig. 2A. Inte-
gration of the power waveform results
in a delivered energy waveform as
shown in Fig. 2B.

Results and Discussion

     Typical results are presented in Fig.
3A, which shows the measured reflect-
ed power for a 6 ms, 1585-W (actual)
peak power pulse (~9.5 J-pulse). The
green and red curves represent the re-

flected Nd:YAG
power through-
out the duration
of the pulse as
detected by the
primary and sec-

ondary spheres, respectively, while the
blue curve shows the summation of
these curves (i.e., the total reflected
power). In Fig. 3B, the total reflected
power is compared with the delivered
power (note that the laser pulse profile
is acquired prior to welding in a sepa-
rate experiment) and, as expected, the
reflected power constitutes an appre-
ciable fraction of the delivered power.
Subtraction of the reflected power
curve from the delivered power curve
results in the absorbed power curve
shown in Fig. 3C, and integration of
the delivered and absorbed power
curves results in the time resolved, de-
livered, and absorbed energy curves in
Fig. 3D. 
     These results can be interpreted in
terms of the weld pool formation and
keyhole growth, and are shown con-
ceptually in Fig. 4. In the early stages
of the laser pulse, the majority of the
reflected light exits the primary
sphere and is captured by the second-
ary sphere. This initially high reflec-
tion not only shows low absorption of
laser power (Fig. 3A) but, since it is
mostly detected by the secondary
sphere, the reflection is essentially
parallel to the incoming beam. This

implies a nearly flat, largely perpendi-
cular surface such as that expected at
the onset of weld pool formation
(Refs. 9–11) and shown conceptually
in Fig. 4A.
     Once sufficient melting is achieved,
surface tension forms a semihemispher-
ical weld pool reflecting light in all direc-
tions above the surface of the sample.
This is evident by the rapid decrease in
reflected light detected by the second-
ary sphere (red curve in Fig. 3A) and in-
creasing reflections captured in the pri-
mary sphere (green curve). Over the
next few milliseconds, laser power ab-
sorbed by the weld increases as the total
measured reflection decreases (blue
curve). The decrease in reflected light is
believed to be indicative of the forma-
tion of a weld pool keyhole and the rate
of decrease is a measure of the rate at
which the keyhole develops and grows,
as shown conceptually in Fig. 4B. Upon
keyhole maturation at approximately
3–4 ms, reflected light reaches a mini-
mum and is roughly constant for the
duration of the pulse — Figs. 3C and
4C. 
     Laser power reflected at this point
is ~25% of the power delivered.
Through Fresnel reflections (Refs. 12,
13), as the keyhole becomes deeper
and its walls become more inclined
(steeper), the decreased angle of inci-
dence increases the number of reflec-
tions that are contained and eventual-
ly captured within the keyhole, there-
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Fig. 4 — Notional images of the various stages of keyhole formation. A — Initial reflection and start of melting; B — keyhole growth; C —
final or steady state.

Fig. 5 — A — Effect of peak power on energy absorption in Nd:YAG
laser spot welds. Values just to the right of the curves are the
power transfer efficiencies at the end of the weld pulse; B — metal
lographic cross sections corresponding to the welds in A. 
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by yielding a higher net transfer in
laser power. With each reflection, en-
ergy is both absorbed and reflected,
and with the decreased incident beam
angle, more energy is deposited at the
root of the keyhole. This drives high
aspect ratio, high energy transfer effi-
ciency, and high melting efficiency
welds.

The difference between the deliv-
ered power and the measured reflected
power is the power absorbed to form
the weld. This difference is presented
in Fig. 3C along with the laser pulse
profile. As before, the general condi-
tion of the weld pool can be deduced
from the temporal plot: absorption is
low at the onset of melting and rapidly
increases as a keyhole is formed. This
plot allows the efficiency of power and
energy transfer to be characterized. At

any point along the
plot of power ab-
sorbed vs. time,
power transfer effi-
ciency is the ratio
of laser power ab-
sorbed to the laser
power delivered.
This numeric val-
ue, as already dis-
cussed, is descrip-
tive of the instan-
taneous state of
the weld pool. At
the onset of weld-
ing (initial melting
and conduction
mode), power
transfer efficiency
is <50% and, as the
keyhole develops,

the efficiency increases to 75%. Ener-
gy transfer efficiency, t, is the overall
energy efficiency of the weld and is
the ratio of energy absorbed (area un-
der the weld power curve) to the ener-
gy delivered (area under the pulse pro-
file power curve). The energy transfer
efficiency for the weld shown in Fig. 3
is 66%. Replicates of similar tests
showed the absorption measurements
to be very repeatable (Ref. 1) despite
the complex physics associated with
laser absorption and the chaotic na-
ture of the weld pool that accompanies
keyhole mode welds (Refs. 10, 11, 14).
This implies that assessments based
on these absorption measurements
are very reasonable for engineering
purposes.
     The effect of peak power on energy
transfer at constant pulse duration is

illustrated in Fig. 5. At 500 W (green
curve), a relatively constant absorp-
tion profile is observed throughout
the weld pulse, yielding a power trans-
fer and energy efficiency on the order
of 47%. As might be expected, the
metallographic cross section of that
weld (Fig. 5B) reveals a low aspect ra-
tio conduction mode weld. For a deliv-
ered peak power of 1033 W (red
curve), a keyhole is formed as implied
by the increased power absorption and
the parabolic shape of the absorption
curve as discussed earlier. Power
transfer efficiency starts below 50%
and increases to 63% at the end of the
pulse, yielding a total energy transfer
efficiency of 54%. Further increases in
the delivered power to 1585 W (blue
curve) yields, upon keyhole matura-
tion, an even higher power transfer ef-
ficiency of 73% for an overall energy
transfer efficiency of 66%. Compari-
son of the 1033 and 1585 W curves
shows the rate of keyhole maturation
(time to maximum power transfer) to
be nearly equivalent and occurs at
about 4 ms. The relatively constant
power transfer from 4 to 6 ms implies
an essentially fully developed and 
quasi-stable keyhole. Although both
welds are effectively keyhole mode
welds, the maximum power transfer
efficiency at 1585 W is greater than
that at 1033 W. The lower peak power
transfer of the 1033-W weld implies a
less acute keyhole with fewer internal
reflections and thus lower transfer ef-
ficiency. In support of this interpreta-
tion, the corresponding metallograph-
ic sections show a lower weld aspect
ratio for the 1033-W weld. Logically,
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Fig. 7 — Energy transfer efficiency as functions of average deliv
ered power and pulse length for square (SQR) and controlled
ramp down (CRD) pulse shapes.

Fig. 6 — A — Effect of pulse duration on energy absorption in Nd:YAG laser spot welds; B — metallographic cross sections corresponding
to the welds in A. 
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the high-aspect-ratio 1585-W weld im-
plies that upon keyhole maturation, a
deeper, more inclined keyhole was
formed and resulted in the higher
maximum power transfer value and ul-
timately more efficient overall energy
transfer. 
     Similarly, the effect of pulse dura-
tion at constant power can be evaluat-
ed and is shown in Fig. 6. In this case,
the absorption profile for each weld
overlaps as pulse time increases. At 2
ms, there is insufficient time for com-
plete keyhole development and this re-
sults in a low transfer efficiency weld
with power and energy transfer less
than 50%. As pulse time increases
(from 4 to 8 ms), the relative amount
of time spent in keyhole mode increas-
es, thereby yielding a greater overall
energy transfer effeciency. A peak
power transfer effeciency of approxi-
mately 77% is reached and is relatively
constant after 4 ms. At 4, 6, and 8 ms,
energy transfer efficiency increases
from 61% to 66% to 70%, respectively.
Evaluation of the metallographic cross
sections in Fig. 6B reveals the progres-
sion of the weld as pulse time, energy,
and efficiency increase. Each weld is
similar in overall shape, with weld size
increasing with pulse duration. Inter-
estingly, after 4 ms, a single pore of

roughly common size is seen (root-
type pores such as these are common
in keyhole mode laser welds and are
generally formed by the collapse of the
weld pool keyhole, Ref. 10).
     From Figs. 3–6, it is clear that in-
creasing energy transfer efficiency is
achieved by increasing either pulse
time or delivered power, and this is
particularly the case for keyhole mode
welds. This is discussed in more detail
in Ref. 1, but can be summarized as
shown in Fig. 7. Here, energy transfer
efficiency is shown as a function of
pulse time and delivered power (or av-
erage power in the case of nonsquare
wave pulses discussed below) for a
range of typical Nd:YAG welding pa-
rameters with a 150-mm focal length
lens. These conditions produce spot
welds in 304L ranging from 0.15 to 1
mm in depth and are typical of actual
engineering practice. Although the
data is somewhat scattered, it is clear
that increasing power yields greater ef-
ficiency. In contrast, however, if pulse
time is too short, thereby inhibiting
keyhole formation (i.e., 2 ms – black
curve Fig. 7), only moderate increases
in efficiency can be expected regard-
less of increasing output power.

These measurements of energy
transfer efficiency for milliscale stain-

less steel welds are comparable to
those presented by Fuerschbach and
Eisler (Ref. 2), and by Cremers et al.
(Ref. 5), and therefore appear to be
reasonably general. In terms of engi-
neering approximations, therefore, a
relatively simple correlation that com-
bines the effects of power and pulse
duration on energy transfer can be de-
rived from Fig. 7. For delivered aver-
age power levels above 500 W and
pulse durations greater than 4 ms, a
reasonable approximation is that en-
ergy transfer efficiency increases from
about 0.45 at 500 W at a rate of about
0.002 per watt. Of course, adjust-
ments to this need to be made for dif-
ferent lenses (spot sizes) and laser
characteristics, but if little else is
known (in the manner of the question
posed in the Introduction of this arti-
cle) such an approximation provides a
method for assessing energy transfer
and temperatures adjacent to spot
welds. Melting efficiency, or that por-
tion of delivered energy that is actu-
ally used to create a molten zone, is
another key characteristic of weld
process selection and, in conjunction
with transfer efficiencies, can also be
assessed for these spot welds. This
topic is addressed in more detail in
Refs. 1–5. As a general engineering
rule, however, it is clear that for a
given-sized weld, higher power pulses
are generally preferred as they achieve
higher energy transfer efficiencies
sooner, and thus are likely to provide a
more efficient (lower overall tempera-
ture, lower distortion, etc.) weld.
     Finally, the time resolved absorp-
tion measurements can be used as an
aid in other aspects of process selec-
tion. Observation of Figs. 5B and 6B
shows that for high powers and square
pulse shapes, weld root porosity is a
typical result. A common approach to
limiting root porosity in spot welds
(Ref. 9) is through control of the weld
pulse shape, with the goal of impart-
ing a more gradual collapse of the key-
hole at the end of the weld cycle. Com-
parisons of energy absorption deter-
minations and weld defect levels for
square (SQR) and controlled ramp
down (CRD) pulse shapes are shown in
Figs. 8 and 9. As shown, the 6-ms, 4.2-
J CRD pulse produces a weld of similar
penetration and size to that of a 6-ms,
4.7-J SQR pulse, but without root
porosity. In this case, the CRD pulse is
both more efficient (by 10%) than the
SQR pulse and less prone to defects.
As shown in Fig. 9, this is essentially
because the higher power during the
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Fig. 8 — A — Pulse shape and absorption for a square 6ms, 4.7J spot welding pulse; B —
pulse shape and absorption for a controlled ramp down 6ms, 4.2J spot welding pulse; C
— cross section of weld in A; D — cross section of weld in B.
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initial portion of the CRD pulse more
rapidly establishes the keyhole and the
penetration depth, while at a later
time smoothly decreases the power for
a less abrupt collapse of the keyhole.
Thus, the absorption measurements
provide an engineering basis that can
be used as a guide to understanding
and utilizing the interplay between
thermal constraints, penetration, and
weld defect formation. In summary,
when combined with methods for esti-
mating welding temperatures, the ab-
sorption and efficiency determina-
tions provide the required information
needed to answer the first question
posed in the Introduction, and at the
same time provide interesting insight
to the welding process and keyhole de-
velopment and control.

Dynamics of Weld Hot
Cracking
     Considering the second question
posed in the Introduction of this arti-
cle regarding the cracking tendency of
welds, a common method for assessing
the susceptibility of alloys to cracking
is through weldability testing. There
are many forms of weldability tests de-
signed to evaluate the various types of
weld cracking (Refs. 15, 16) and other
defects. In the present discussion, the
hot cracking susceptibility of nickel al-
loys as evaluated by the longitudinal
Varestraint test is of specific interest.
    The longitudinal Varestraint test

(Refs. 17, 18) has long been used to as-
sess the relative hot cracking suscepti-

bility of alloys. In this
test, a gas tungsten arc
weld is produced along
the longitudinal center-
line on the top side of a
rectangular plate or
sheet, beginning at an
unsupported end and
moving toward a fixed
end mounted over a
curved die block. When
the welding arc reaches
a predetermined loca-
tion over the die block,
the bar is rapidly bent
to conform to the radius
of the block. This bend-
ing induces an aug-
mented strain (i.e. an
additional strain that is superimposed
on the normal solidification and ther-
mal shrinkage strains). The augment-
ed strain is inversely proportional to
the radius of the block, and, on the
welded side of the bar can produce so-
lidification hot cracks that typically
form in the partially molten zone adja-
cent to the trailing edge of the weld
pool. Various die block radii are used
to characterize the strain level at
which cracking becomes evident, and
total crack length, number of cracks,
or maximum crack length are used as
the comparative measures of weldabil-
ity. A key (though occasionally over-
looked) characteristic of this test is
that, in practice, straining of the sam-
ple cannot occur instantaneously, but
rather the strain increases over time
during the test. Thus, the dynamics of
the test are extremely complex, with

time varying augmented and shrink-
age strains superimposed onto a mov-
ing temperature field and moving so-
lidification front. Qualitatively, this
complexity has been addressed by re-
stricting hot cracking susceptibility
comparisons to those determined un-
der identical conditions of sample
geometry, weld size, travel speed,
straining rate, etc., but a more useful
aspect of the test is the insight it pro-
vides into the phenomenology that oc-
curs during solidification cracking.

In order to gain a better under-
standing of the dynamics of hot crack-
ing and the hot ductility of semi-
molten alloys in general, Matsuda and
coworkers (Refs. 19–22) used high-
speed cinematography to observe
crack formation and growth in the
semimolten region of welds. These
studies used tensile straining trans-
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Fig. 9 — Comparison of absorption profiles for square 6 ms, 4.7 J
and controlled ramp down 6ms, 4.2J spot welding pulses.

Fig. 10 — A — Varestraint imaging setup; B — image taken
from video at a late stage in the Varestraint testing of low
carbon Alloy 718 showing hot cracks and the weld pool in
the upper left of the image. Scribe marks used for longitu
dinal strain measurement are shown on the right side of
the image. 
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verse to the welding direction and
clearly demonstrated the utility of
high-speed photometric methods for
quantifying ductility and cracking be-
havior. In addition to developing in-
situ strain measurement techniques,
hot ductility curves for a wide range of
semimolten alloys were constructed.
These observations led to a number of
proposed modifications to Borland’s
(Ref. 23) theory of super-solidus
cracking. 
     In referenced work (Ref. 24) and
the discussion following, the tech-

niques developed by Matsuda and
coworkers (Refs. 19–22) are applied to
the longitudinal Varestraint test in or-
der to gain understanding of the dy-
namics of the test and some of the
phenomenology of hot cracking. Ob-
servations made with high-speed
videography are described and inter-
preted with the aid of solidification
models. From these observations and
estimates, criteria defining the impor-
tant cracking events such as initiation,
growth, and crack backfilling are de-
veloped. These criteria provide a basis
for engineering assessments of hot
cracking in alloys similar to those 
evaluated.

Experimental Procedures

     Imaging experiments (Ref. 24) were
conducted on subsize Varestraint tests
of low- and high-carbon versions of
the nickel-based Alloy 718 with the
compositions shown in Table 1. Based
on the compositions, the high-carbon
alloy was expected (Ref. 25) to exhibit

eutectic backfilling of hot cracks dur-
ing Varestraint testing, while the low-
carbon alloy was not. The samples
were 165 ¥ 25 ¥ 3.2 mm (6.5 ¥ 1 ¥
0.125 in.) and welding parameters
were 100 A electrode negative, 12.5 V,
3.3 mm/s, (8.8 in./min) with Ar
shielding. All imaging experiments
were conducted at an augmented
strain of 3.5%.
     A photograph of the setup used for
the imaging experiments is shown in
Fig. 10A. For these imaging experi-
ments, the welding head was angled
relative to the sample to facilitate im-
aging of the trailing edge of the weld
pool. Video records were generally cap-
tured at a rate of 1000 frames/s using
a Speed Vision HGTX 2000 camera fit-
ted with a Navitar Zoom 6000 lens. An
image taken from a video record at a
late stage in a test is shown in Fig.
10B. Longitudinal strain measure-
ments were made by using scribe
marks in the region adjacent to the
weld. Following the methods described
by Matsuda et al. (Ref. 19), local strain
measurements were made in the par-
tially molten zone by using dendritic
features visible on the weld surface.

Results and Discussion

     Figure 11 shows several images tak-
en from the video record of a Vare-
straint test. These images correspond
to 37, 47, and 77 ms from the initia-
tion of sample bending and the trail-
ing edge of the weld pool is visible in
the first two photos. The arrows
shown on each image mark the loca-
tion of the crack initiation on the sur-
face of the weld, which occurred at ap-
proximately 37 ms. As shown, the hot
crack grows in both advancing (in the
weld travel direction) and retreating
directions from the initiation site.
    From each of the video images, a

variety of dimensions were measured
and the convention used for these
measurements is shown in Fig. 12. The
measurements included longitudinal
strain, measured from scribe mark
outside of the weld path; local strain,
measured approximately perpendicu-
lar to the crack from visible image fea-
tures; advancing crack length; and re-
treating crack length. The horizontal
line is referenced to a scribe mark and
was used to locate the crack initiation
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Table 1 — Compositions of Alloys Used in Varestraint Cracking Study

             Element                          Alloy 718 LowCarbon wt%                          Alloy 718 HighCarbon wt%

                  Fe                                                   19.21                                                                 19.19
                  Cr                                                   17.41                                                                 17.19
                  Nb                                                    5.11                                                                   5.07
                 Mo                                                   2.87                                                                   2.86
                   Ti                                                     0.90                                                                   0.90
                  Al                                                    0.44                                                                   0.42
                   C                                                     0.04                                                                   0.09
                  Ni                                                     Bal                                                                     Bal

Fig. 11 — Selected images taken from
video record of Varestraint test. From
front to rear, the images correspond to
37, 47, and 77 ms from the initiation of
bending. 

Fig. 12 — Image showing the measure
ments taken from each image in the video
record. The circle shows the crack initiation
location and is referenced to a position rel
ative to the scribe lines. A — Baseline for
longitudinal strain; B — baseline for local
strain; C — retreating crack length; D —
advancing crack length.

Fig. 13 — Local strain, longitudinal strain,
and total crack length for lowcarbon
Alloy 718 test at 3.5% augmented strain.
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site from image to image. Both longi-
tudinal and local strain measurements
were based on lengths determined
when the trailing edge of the pool
crossed (what would eventually be-
come) the crack initiation site.
     Figure 13 shows the time evolution
of strain and total crack length for the
Varestraint test of the low-carbon Al-
loy 718. The longitudinal strain (the
augmented strain applied during
bending plus shrinkage strain) increas-
es only slightly during the first 35 ms,
then increases approximately linearly
to 4% at about 140 ms. The local
strain (a measure of the augmented
plus shrinkage strains across the crack
location) increases to 10% over a simi-
lar time scale, which is equivalent to a
strain rate of approximately 1/s in the
vicinity of the crack. Cracking initiates
at 37 ms and a local strain level of
about 1%, and the total crack growth
is roughly linear with time. 
     The crack growth rates for the ad-
vancing and retreating portions of the
crack in a fixed frame of reference are
shown in Fig. 14A. Crack initiation oc-

curs close to the trailing edge of the
weld pool (about 0.396 mm, 0.016 in.,
from the visible solidification front),
and both the advancing and retreating
cracks are observed to grow sporadi-
cally with some periods of inactivity
followed by periods of rapid growth.
On average, however, the advancing
crack grows roughly linearly with time.
The retreating crack grows somewhat
parabolically until growth ceases at
about 150 ms. By using the velocity of
the trailing edge of the pool, the ad-
vancing and retreating crack length
data can be used to assess the crack
growth relative to the moving refer-
ence of the weld pool. This assessment
is shown in Fig. 14B and several obser-
vations are immediately apparent. 
     As before, growth of the crack in
both advancing and retreating direc-
tions is somewhat erratic, with peri-
ods of rapid growth followed by peri-
ods of stagnation (which may be relat-
ed to the occurrence of neighboring
cracks). Second, the advancing crack
tip remains, on average, at an essen-
tially constant distance behind the

weld pool. This implies that the ad-
vancing crack is tied to an isotherm
within the mushy zone, and it is essen-
tially the same isotherm in which the
crack initiates (in this case about
0.396 mm from the trailing edge). In
addition, since it grows in an
isotherm, it is also growing in a region
of constant fraction liquid. This is an
important engineering observation
and implies that, in a longitudinal
Varestraint test, the advancing crack
tip is the most similar to a “real” hot
crack in a structural weld, and that
“real” hot cracks probably grow at the
travel speed and essentially trail the
weld as they are formed. The retreat-
ing crack tip, while interesting, proba-
bly does not represent the behavior of
cracks in “real” welds (i.e., welds in
which the strain is not artificially aug-
mented). The retreating crack tip
moves in the direction of decreasing
temperature behind the pool, and thus
into a region of decreasing fraction liq-
uid. It would appear the augmented
strain plays a key (if somewhat artifi-
cial) role in the retreating portion of
the Varestraint crack growth.
     Turning now to tests on the high-
carbon Alloy 718, a late time video im-
age and a scanning electron micro-
scope (SEM) secondary electron image
of the test sample are shown in Fig.
15. In this case, analysis of the video
records showed that the crack initiated
at a local stain level similar to that for
the low-carbon alloy, but at a distance
behind the pool of 0.217 mm (0.009
in.) compared with 0.396 mm for the
low-carbon alloy. Moreover, the initia-
tion location corresponded to the loca-
tion where backfilling starts — the
cracking initiated at the apex of the
angled crack near the center of the
SEM image in Fig. 15B. In other
words, although it is very difficult to
capture in video images, it appears
that backfilling occurs simultaneously
with the movement of the advancing
crack tip, and may be more appropri-
ately described as infilling of the ad-
vancing crack as it opens. It is known
that backfilling in Alloy 718 consists
of an NbC/austenite terminal eutectic
constituent (Refs. 24, 25).
     In order to rationalize these obser-
vations, it is necessary to determine
the temperatures and liquid fractions
associated with the various key events
during the test. The first requires esti-
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Fig. 14 — A — Advancing and retreating crack tip positions as a function of time relative
to the position of the S/L interface at crack initiation in the lowcarbon Alloy 718. B —
Advancing and retreating crack tip positions as a function of time relative to the trailing
edge of the weld pool.

Fig. 15 — A — Image taken from video at a late stage in the Varestraint testing of high
carbon Alloy 718 showing hot cracks and the weld pool in the upper right of the image;
B — SEM image of approximately the same area showing crack backfilling associated
with the advancing portion of the crack. Arrow on B shows location of crack initiation.
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mation of the temperature gradient
behind the weld pool and this can be
obtained through numerical modeling
(Ref. 24) or by various analytical
methods (Ref. 26). Estimates of these
gradients from Ref. 24 for the two al-
loys are shown in Fig. 16A. Estimation
of the liquid fraction requires a solidi-
fication model for the alloys. A
method for estimating the fraction liq-
uid and terminal constituent forma-
tion as a function of temperature for
complex nickel alloys has been devel-
oped by DuPont and coworkers (Refs.
25, 27–29), and results for the two al-
loys using this method are shown in
Fig. 16B. Combination of the two sets
of curves in Fig. 16 results in the frac-
tion liquid vs. distance curves shown
in Fig. 17. The figure also shows the
position at which cracking was ob-
served to initiate in the high-speed
video as well as the estimated location
at which the NbC/austenite eutectic
begins to form in the two alloys.
     Although several models and meas-
urements were combined to construct
Fig. 17 and there is appreciable uncer-
tainty in all of these, in conjunction
with the other video observations and
strain measurements, the assessment

provides the basis for several useful
phenomenological descriptions and
engineering approximations concern-
ing hot cracking in nickel alloy welds.
The phenomenological description is
illustrated in Fig. 18. First, for both
unfilled and backfilled cracks, cracking
initiates at a fraction liquid of about
10% and a local strain of about 1%.
These local strain values are very con-
sistent with those determined by Mat-
suda and coworkers (Refs. 19–22) for
nickel alloys. In a manner similar to
solidification cracks in real welds, the
advancing crack tip grows sporadically
but remains an approximately con-
stant distance behind the pool, and
thus the crack tip is at constant tem-
perature and presumably constant lo-
cal strain conditions. For conditions
where the formation of eutectic liquid
precedes the above strain and fraction
liquid conditions, the advancing crack
infills with eutectic liquid as it opens.
Conversely, it can be surmised that for
alloys where the eutectic solidification
does not initiate until after the critical
strain/fraction liquid condition is
reached, the likelihood that the crack
will backfill is small. The retreating
crack tip grows into a region of de-

creasing fraction liquid, and presum-
ably terminates as the strain field de-
grades or it intersect the solidus.
     To the author’s knowledge, there are
no widely accepted methods by which
solidification crack initiation can be pre-
dicted from first principles. Although
there are clearly many simplifying as-
sumptions in the above analysis and nu-
merous physical phenomena are in-
volved in weld solidification cracking,
from the perspective of estimating
cracking susceptibility in welding these
simple criteria provide a means to de-
fine those conditions (at least for nickel
superalloys and similar alloys). Of
course, application of these criteria re-
quires assessment of the thermal,
strain, and metallurgical conditions in
the vicinity of welds, but as these meth-
ods become increasingly available to the
practicing welding engineer, it is be-
lieved that these criteria can be used in
a predictive manner and as an engineer-
ing method to assess the potential for
hot cracking in real welds.

HeatAffected Zone 
Softening in a High
Strength Steel
     Turning now to the final question
posed in the Introduction to this arti-
cle, weldment properties, this section
provides an illustration of relatively
simple methods to assess weldment
properties in an ultrahigh-strength
steel alloy. This section is based on a
comprehensive report on the fabrica-
tion and service weldability of Aer-
Met® 100 alloy (Ref. 30). AerMet® 100
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Fig. 18 — Phenomenology of Varestraint solidification hot cracking of Alloy 718.

Fig. 17 — Estimation of fraction liquid as a func
tion of distance and NbC/austenite eutectic
start position behind the weld pool in the Vare
straint tests. Also shown are the measured
crack initiation positions for the two alloys.

Fig. 16 — A — Estimation of temperature behind the weld pool for the Varestraint
tests of the two alloys; B — estimation of fraction liquid and NbC/austenite eutectic
start temperatures for the two alloys.

A B
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alloy is a 0.23 wt-%C, 13.4 wt-%Co,
3.1 wt-%Cr, 11.1 wt-%Ni, 1.2 wt-%Mo
proprietary steel alloy (Refs. 31, 32)
designed by Carpenter Technology
Corp. for aerospace structural applica-
tions. The alloy exhibits a favorable
combination of high strength, high
fracture toughness, and exceptional
resistance to stress corrosion cracking.
The nominal properties for the alloy
are 1965 MPa (285 ksi) ultimate ten-
sile strength, 126.4 MPa√m (115
ksi√in) KIc, and 38.5 MPa√m (35
ksi√in) KIscc in a 3.5% NaCl solution,
and these make it a candidate for ap-
plications such as navel aircraft land-
ing gear. The alloy is the most recent
development in the family of second-
ary (precipitation) hardening Ni-Co-Cr
steels that includes HY180 and
AF1410 alloys. 
     Following normal heat treatment
(solution treating, quenching, and ag-
ing), these alloys are low-carbon, Fe-Ni

lath martensitic alloys that attain
their properties through the precipita-
tion of M2C (where M is Mo and Cr)
carbides during aging. AerMet® 100 al-
loy has a high hardenability, and was
designed to be air cooled from the so-
lution treatment temperature in sec-
tion sizes up to 51 mm (2 in.). The
normal heat treatment for this alloy
consists of solution treatment at
885°C (1625°F) for 1 h, air cooling, re-
frigeration at –73°C (–100°F) for 1 h,
air warming, and aging at 482°C
(900°F) for 5 h.
     In comparison to other types of
high-strength steels, such as the
quenched and tempered grades, the
general weldability of the secondary
hardening Ni-Co-Cr steels is usually
considered to be quite good (Ref. 33).
This improvement results primarily
from the fact that the low-carbon
martensite that forms in these alloys
is relatively soft and ductile. Thus, in

the as-quenched condition, which typ-
ifies much of the weld fusion and heat-
affected zones, the Ni-Co-Cr steels are
resistant to the problems (particularly
cold cracking) that are often associat-
ed with welding of high-strength
quenched and tempered steels. A com-
plete discussion of welding response,
weldment properties, and postweld
heat treatment of AerMet® 100 Alloy
is provided in Ref. 30, but a key issue
associated with welding of precipita-
tion hardening Ni-Co-Cr steels is over-
aging and softening in the heat-affect-
ed zone (HAZ). 
     This softening is illustrated in Fig.
19, which shows the as-welded struc-
ture and a microhardness traverse
(converted to Rockwell C) across a sin-
gle bead-on-plate gas tungsten arc
(GTA) weld in aged AerMet® 100 Alloy
plate. Several important regions are
apparent in the hardness traverse. In
the fusion zone the hardness is rela-
tively low, and the microstructure con-
sists essentially of fresh martensite.
Thus, the hardness is similar to that
for solution-treated base metal and
the fusion zone can be expected (as
was observed in Ref. 30) to respond to
postweld aging treatments as illustrat-
ed by the dashed green line on the
plot. The near weld interface region of
the HAZ between about 1.5 and 3 mm
(0.060 and 0.12 in.) also consists of
fresh martensite and responds to post-
weld aging. In locations further out in
the HAZ, the hardness steadily in-
creases toward the unaffected aged
base plate, but there is a trough in the
hardness in the range of approximate-
ly 3.5–4.5 mm (0.14–0.18 in.). The re-
gion adjacent to, and within this
trough is particularly important be-
cause it does not respond to postweld
aging heat treatments. As a result, the
primary emphasis of the analysis de-
scribed below was placed on character-
ization of the microstructure and
properties evolution in this region of
the HAZ. This characterization includ-
ed determination of the temperatures
and microstructures associated with
the trough, as well as development of
kinetic descriptions of the softening
and reaustenitization processes.
     Gleeble simulations were used to
determine the temperatures associat-
ed with the hardness trough in the
HAZ. For these simulations, thermal
cycles similar to those shown in Fig.
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Fig. 19 — A — GTA weld in aged AerMet® 100
alloy plate showing location of microhardness
trace in B; B —microhardness trace from weld
in A.

Fig. 20 — A — Typical thermal cycle used for Gleeble HAZ simulations; B — hardness as a
function of peak temperature for aged base plate showing softened trough and hardness
after postsimulation aging.
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20A were used. The results of the ther-
mal cycle simulations on pre-aged base
plate are shown in Fig. 20B. For these
simulations, the minimum in hardness
occurs for the 710°C (1310°F) peak
temperature thermal cycle. In addi-
tion, as discussed previously, postsim-
ulation aging does not affect the level
or temperatures associated with the
hardness trough. This implies that the
softening is associated with overaging,
although it is also conceivable that the
formation of reverted austenite (dis-
cussed in more detail following) also
contributes to the softening. The in-
crease in hardness at peak tempera-
tures of 760°C (1400°F) and above is
associated with the formation of new
austenite and fresh martensite on
cooling. Microstructural analysis of
the Gleeble samples (Ref. 30) generally
confirmed the overaging of the hard-
ening precipitates at peak tempera-
tures near 710°C  and the formation of
new fresh martensite for peak temper-
atures of 760°C and above.

Overaging Model
     Description of the overaging
process in the HAZ of AerMet® 100 Al-
loy requires a numerical model that
can be applied to the rapid thermal cy-
cle associated with the welding
process. In this section, a semiempiri-
cal engineering model is developed
and applied to the thermal cycles used
in the HAZ simulations. Since most
available data are in the form of hard-
ness as a function of time and temper-
ature for simple, isothermal aging con-
ditions, the parameter is first devel-
oped for AerMet® 100 Alloy hardness
data (Ref. 34), and then shown to be
applicable to strength data.
     It is first assumed that hardness is
proportional to shear strength and
that analysis for the strengthening ef-
fect of incoherent precipitates (Ref.
35) applies,  

(1)

where H is the hardness,  is the shear
strength,  is a geometric factor, m is
the shear modulus, b is the burgers
vector, and l is the interparticle spac-
ing. For overaging, the volume fraction
of precipitates is assumed constant, so
that l  r, where r is the precipitate ra-
dius and the precipitates are assumed
to be spherical. Thus, in the overaging
regime,

(2)
During aging, the precipitates are as-
sumed to follow classical coarsening
kinetics (Ref. 35) (i.e., Lifshitz and V.
V. Slyozov (Ref. 36), and Wagner (Ref.
37), commonly known as LSW kinet-
ics), so that

(3)
where r0 is the mean initial particle ra-
dius and rt is the particle radius at
time t. Through direct measurements
of carbide size during isothermal heat
treatment, Yoo et. al. (Ref. 38) and Lee
et. al. (Ref. 39) have shown that the
carbide coarsening kinetics in AerMet®
100 Alloy are well approximated by the
cubic dependence of Equation 3. The
coefficient K in Equation 3 is generally
given by an equation of the form

(4)
where D is the diffusivity,  is the in-
terfacial energy, Vm is the molar vol-
ume of precipitate, C() is the solu-
bility of the solute, R is the ideal gas
constant, T is the temperature, and
f() is a function that depends on the
particular coarsening theory (f() = 1
for the LSW theory). If it is assumed
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Fig. 21 — A — Plot of hardness vs. optimized K2 for isothermally aged (Ref. 34) AerMet®
100 alloy. Dashed lines are 90% prediction limits; B — plot of ultimate tensile strength vs.
optimized K2 for isothermally aged (Ref. 34) AerMet® 100 Alloy. Dashed lines are 90% pre
diction limits.

Fig. 23 — A — Typical dilatation curve for solutiontreated AerMet® 100 alloy in the on
heating austenite transformation temperature range. Inset shows entire heating and
cooling curve; B — apparent austenite fraction as determined by lever rule conversion of
dilatation data for several heating rates.

Fig. 22 — Comparison of model predictions
and measured hardness for HAZ simula
tions in aged base plate. Dashed lines are
90% prediction limits.
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that all factors other than the diffusiv-
ity are not functions of temperature
and the temperature dependence of D
can be represented by

(5)
then Equation 4 can be written as

(6)
where K1 is a constant. Combination
of Equations 3 and 6 yields an expres-
sion for the coarsening rate as a func-
tion of time and temperature:

(7)
Substitution of Equation 7 into 2
(with rt = r) and rearranging leads to
the result

(8)
where K2 has the form

(9)
and a plot of H vs. K2 should be linear.
The most direct means to apply this
methodology to isothermal aging data
is to search for values of r0, K1, and Q,
which maximize the linearity of such a
plot. This searching can easily be ac-
complished in a spreadsheet applica-
tion. Alternatively, if values for any of
the three parameters are known, such
as an initial precipitate size or the acti-
vation energy for the diffusion of a

known precipitating species, these can
be used to reduce the number of
search parameters. 
     The procedure described above was
used to fit the isothermal aging data
for AerMet® 100 given by Novotny
(Ref. 34), and the results are shown
in Fig. 21A. The optimized fit param-
eters for this data set are r0 = 2.47 ¥
10–8 m, K1 = 0.02718 m3 K/s, and
Q/R = 38990, and the hardness can
be represented by a line of the form. 

     HRC =38.18 + 4.690 ¥ 10-7 (K2)
         R2 = 0.9559 (10)

     These parameters linearize the
data over a wide range of aging condi-
tions, including those conditions near
peak hardening and overaged. The ap-
parent activation energy for the soft-
ening, 324,130 J/mole (77,470
cal/mole), is higher than that which
might be expected for coarsening of
alloy carbides in AerMet® 100. For ex-
ample, the activation energy for the
diffusion of Mo in ferrite is given
(Ref. 40) as 241,420- 251, J/mole
(57,700–60,000 cal/mole). However,
given other assumptions inherent in
the model (Ref. 30), such as spherical
precipitates, invariant carbide compo-
sition, temperature independence of
interfacial energies, etc., this discrep-
ancy is not thought to be a major
drawback with respect to application
of the model. Moreover, the fitting is
not exceptionally sensitive to the ac-
tivation energy within a specific
range, and additional tests of the
model are described in Ref. 30. As
shown in Fig. 21B, aging data for

strength (Ref. 34) can be treated in a
similar way.

Application to Thermal 
Cycles
     Application of the overaging model
to weld HAZs requires a means to esti-
mate the cumulative effect of the ther-
mal cycle on the kinetics. A commonly
used approach for estimating this ef-
fect is the additivity principle (Refs.
41, 42). To apply the additivity princi-
ple, a thermal cycle is modeled as a se-
ries of small isothermal steps. At each
step, the time elapsed is a fraction of
the time required, at that temperature,
to achieve a given amount of transfor-
mation or in this case, hardness. When
these fractions sum to unity, the given
hardness has been achieved. Formally,
this can be written as

(11)
where t is the time and ta(T) is the
time to reach the given hardness
isothermally. For discrete time steps,
Equation 11 can be written in the
summation form, or

(12)
From Equation 10, H = H0 + mK2,
where H0 and m are the intercept and
slope of the fit to the isothermal aging
data, respectively, it is apparent that 

(13)

dt
ta T( )

0

t

� = 1 ,

r t
3 = r 0

3 + K1

exp
�Q
RT

�
��

�
��

T
t,

H �K2

K 2 = r0
3 +

K1t exp
�Q
RT

�
�

�
�

T

�

�

�
�
�

�

�

�
�
�

�1/3

D = D0 exp
�Q
RT

�
��

�
�� ,

K = K1

exp
�Q
RT

�
��

�
��

T
,

�t
ta T( )0

t

� = 1

H=H0 + m r0
3 +

K1  texp
�Q
RT

�
�

�
�

T

�

�

�
�
�

�

�

�
�
�

�1/3

WELDING RESEARCH

JANUARY 2016 / WELDING JOURNAL 13-s

Fig. 24 — Continuous heating transformation diagram for solu
tiontreated AerMet® 100 for heating rates from 50 to
2500°C/s. Error bars for 100°C/s are ± 2 standard deviations.

Fig. 25 — Combined plot of hardness, overaging model predic
tions, and austenite formation data for HAZ simulations in Aer
Met® 100 Alloy plate.
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or, upon rearranging

(14)
For an isothermal hold, Equation 14
represents the time required to reach a
given hardness, H, at a given tempera-
ture, T. Using a series of small isother-
mal steps to represent a thermal cycle,
the summation of Equation 12 can be
solved by using a goal-seeking routine
to find the hardness that satisfies the
summation for that thermal cycle. Al-
ternatively, the summation can be
solved sequentially by calculating the
softening during a given time step, ad-
justing the temperature to the temper-
ature associated with the next time
step and adjusting the start time to
that which it would have been had the
temperature always been at the new
temperature, and iterating this proce-
dure over the entire thermal cycle. 
     Using Equations 12 and 14, togeth-
er with the coefficients derived in Fig.
21A and the actual thermal cycle from
the Gleeble HAZ simulations, the
hardness for the HAZ simulations can
be estimated. The results of these esti-
mates are shown in Fig. 22 and the
agreement between predicted and
measured hardness is quite good. 
     Thus, the overaging model, devel-
oped from isothermal aging data and
applied to weld thermal cycles through
the use of the additivity principle, ap-
pears to provide an appropriate means
for estimating the HAZ softening in
AerMet® 100 Alloy. However, it should
also be noted that the accuracy of pre-
dictions based on this model is de-
pendent on the accuracy to which the
thermal cycle at any HAZ location is
known. For the Gleeble simulations in
Fig. 22, the thermal cycle is directly
measured and therefore accurately
known. For general application to
welds, the thermal cycle at a given
HAZ location must be estimated from
thermal models of the weld process
and parameters, and in these cases the
accuracy is therefore partially depend-
ent on the accuracy of the thermal
model. In addition, real welds, and in
particular multipass welds, can have
multiple thermal cycles and complex
residual stress distribution within the
HAZ. Although the model should be

capable of treating the multiple ther-
mal cycles, the potential effect of
residual stresses on the softening be-
havior is not incorporated here.
     As discussed above, the high-
temperature edge of the HAZ softened
region is bounded by the formation of
new, transformable austenite. For this
reason, it is important to develop a de-
scription of the austenite formation
kinetics at rapid heating rates. In this
portion of the work, the austenite for-
mation kinetics were empirically ex-
amined by Gleeble dilatometry at
heating rates in the range of 0.1 to
2500°C/s (0.18 to 4500°F/s). Figure
23A shows the typical dilatation re-
sponse of solution-treated AerMet®
100 Alloy for a heating rate of 100°C/s
(180°F/s). In principle, the lower and
upper critical temperatures can be es-
timated from these curves by deter-
mining the initial departure from, and
final approach to, the linear portions
of the curve associated with the low-
and high-temperature constituents,
respectively. In practice, these temper-
atures were determined as the temper-
atures at which the difference in di-
latation between the curve and the ex-
trapolated linear fit of the curve pre-
ceding the initial contraction was ei-
ther 2 or 98% of the dilatation differ-
ence between the low- and high-tem-
perature linear extrapolations (i.e,. a
lever rule approach). 
     A similar approach can be used to
estimate the apparent fraction trans-
formed over the entire transformation
range. However, for these determina-
tions, it should be noted that the con-
version of dilatation data to fraction
transformed is very approximate since
the austenite that forms is likely to
have a composition that depends on
temperature (as does the decomposing
martensite/ferrite), and therefore a
lever rule estimation of the fraction
transformed is not strictly correct. In
addition, heating rates of 200°C/s
(360°F/s) and higher were found to ex-
hibit unusual features, which further
complicate interpretation of the di-
latation data (Ref. 30). 
     Figure 23B shows the apparent
austenite fraction (determined by
lever rule conversion of the dilatation
data) for several representative heat-
ing rates. From these curves, several
trends are apparent. First, the lower
critical temperature initially increases

with heating rate, and then becomes
essentially constant at the higher
heating rates. The behavior of the up-
per critical temperature with heating
rate is not, however, as clearly defined.
Finally, a relatively sharp and repro-
ducible break occurs in the curve for
300°C/s (550 °F/s) near a fraction
transformed of 0.8 and was observed
for all tests with heating rates of
200°C/s (360°F/s) and above (Ref. 30).
Note that at temperatures above the
break in the 300°C/s curve shown, the
curve becomes extremely jagged. How-
ever, this is not thought to be real, but
rather appears to be an artifact of the
data collection equipment. 
     As is discussed in more detail in
Ref. 30, it is believed that the break
that occurs for heating rates of
200°C/s and above is the termination
of the formation of austenite, and that
the approach to the final expansion
line is homogenization of the austen-
ite by diffusional adjustments. For this
reason, in the continuous heating
transformation (CHT) diagram pre-
sented below, the upper critical tem-
perature for heating rates above
200°C/s  is depicted as the tempera-
ture at which the break in the curve
appears. The temperature at which the
dilatation reaches the high-tempera-
ture expansion line is depicted as a
separate point on the diagram.
     Figure 24 shows the CHT diagram
for solution-treated AerMet® 100 Al-
loy for heating rates in the range of 0.1
to 2500°C/s. The diagram for this alloy
is extremely complex, and appears to
consist of two distinct heating rate re-
gions. The first of these is the lower
heating rate range from 0.1 to 25°C/s
(0.18 to 45°F/s), and the other is the
range including 50°C/s (90°F/s) and
above. These regions are believed to
constitute different mechanisms of
austenite formation, and are discussed
in detail in Ref. 30. For the purposes
of the present article, the CHT dia-
gram provides a means for estimating
the temperature (location) of the high
temperature extreme of the softened
region of welds’ HAZs. This estimation
can be accomplished simply by super-
imposing the dilatation curve or criti-
cal temperatures from the CHT dia-
gram onto the peak temperature vs.
position curve for a weld HAZ. A plot
of this type for the HAZ simulations
discussed above (which used a heating
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rate of approximately 100°C/s ) is
shown in Fig. 25.
     As shown, the data from the CHT
diagram provides a reasonable esti-
mate of the high-temperature limit of
the softened region. The green frac-
tion austenite curve shown in Fig. 25
is not intended to imply an estimation
of hardness due to the formation of
the austenite, but rather that the soft-
ening due to overaging is superseded
by the formation of austenite. As with
the model for overaging, the accuracy
of estimates for austenite formation
based on the CHT diagram is depend-
ent to some extent on the accuracy to
which the thermal cycle is known. In
this case, however, the relative insen-
sitivity of the critical temperatures at
heating rates associated with welding
implies that this should not be a major
limitation for estimates of weldment
behavior. For those cases where an ex-
perimental CHT diagram is not avail-
able, computational databases are be-
coming increasingly available and ca-
pable of predicting steel phase trans-
formation temperatures and kinetics.
In terms of engineering approxima-
tions, the methods and analyses em-
ployed in the construction of Fig. 25
provide an engineering basis that can
be used as a reasonably quantitative
guide for estimating properties of
welds in similar Fe-Ni-Co or other 
precipitation-hardening alloys.

Summary and Conclusions
     This article has described a series of
evaluations aimed at developing engi-
neering approaches to common weld-
ing process and welding metallurgy
questions. The examples were selected
to illustrate a range of welding topics
from process physics, to materials/
process interactions, and finally to
weld properties development. The ex-
amples included time-resolved meas-
urement of laser energy absorption,
assessment of the dynamics of weld
hot cracking in nickel-based alloys,
and estimation of the heat-affected
zone softening in a modern ultrahigh-
strength steel alloy. 
     The measurements of energy ab-
sorption in laser spot welding provide
qualitative and quantitative insight
into spot weld keyhole phenomena
and indicate that keyhole-mode welds

separate into three regions of energy
transfer: <50% during initial melting,
50–70% during keyhole formation,
and >75% for a mature keyhole. For
low-power (conduction mode) welds,
transfer efficiency is low, <50%, and
remains low throughout the welding
pulse. The balance of transfer and
melting efficiencies can be manipulat-
ed with pulse shape, thereby providing
a basis for optimization of penetra-
tion, defect mitigation, and control of
weld thermal effects.
     High-speed video records of Vare-
straint tests, coupled with thermal,
strain and solidification models, pro-
vide interesting insight into weld
cracking phenomenology. Crack initia-
tion occurs at a fraction liquid of about
0.10 and local strains on the order of
1%, and these values provide a reason-
able solidification crack initiation cri-
teria for nickel alloys similar to Alloy
718. The advancing crack tip grows
sporadically but remains an approxi-
mately constant distance behind the
weld pool, and thus the crack propa-
gates at constant temperature and
constant local strain conditions. For
conditions where the formation of eu-
tectic liquid precedes the above strain
and fraction liquid conditions, the ad-
vancing crack appears to infill with eu-
tectic liquid as it opens.
     The softened region in AerMet®
100 alloy heat–affected zones is con-
trolled by precipitate overaging and
austenite formation, and the overag-
ing process can be reasonably de-
scribed by a simple model based on
particle strengthening and coarsening.
Weld HAZ softening can be estimated
by combination of the overaging mod-
el and the additivity rule. In turn,
when this estimation is combined with
empirical (or numerical) determina-
tions of the on-heating transforma-
tion behavior, a reasonably quantita-
tive estimation of the depth and ex-
tent of the softened region in the HAZ
of this and similar Fe-Ni-Co steels can
be made.
     It is recognized that the examples
provided here only scratch the surface
of the essentially infinite variety of
phenomena, questions, and challenges
that underlie the fields of welding sci-
ence and engineering, but it is hoped
that within these examples the reader
found some specific areas of interest.
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